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ABSTRACT: A series of homopolymer polypropylenes
(PPs), within a weight-average molecular weight (Mw) range
of 100–1600 kg/mol, were manufactured as dumbbell micro-
specimens. The effects of the molecular weight and shear-
induced crystallization on the mechanical properties and
morphology were studied to gain a better understanding of
the structure–property relationship. The results showed that
the crystallinity decreased from 50 to 41% and the lamellar
thickness increased as Mw increased. Tensile tests demon-
strated that the stiffness and especially the tensile strength
rose to extremely high values (Young’smodulus¼ 2400N/mm2,
stress at 30% strain ¼ 120 N/mm2). Furthermore, the strain

hardening effect was strongly affected by the lamellar thick-
ness and highly oriented superstructures. Dynamic mechani-
cal analysis demonstrated that the mobility of the molecular
chains depended on Mw and on the lamellar thickness. In
addition, the viscoelastic properties of unannealed and
annealed samples indicated further the existence of shish-
kebab structures caused by shear-induced crystallization dur-
ing injection molding. � 2006 Wiley Periodicals, Inc. J Appl
PolymSci 103: 519–533, 2007

Key words: mechanical properties; poly(propylene) (PP);
shear; solid-state structure; structure-property relations

INTRODUCTION

The use of polymer products depends essentially on
their stiffness, strength, deformability, and tempera-
ture and chemical resistance. These properties are
mainly influenced by the molecular structure and
processing conditions. For instance, the crystallinity
and stiffness of a polymeric material is basically gov-
erned by the molecular structure (molecular weight
and molecular weight distribution). Additionally, the
acting flow and cooling conditions before and during
the solidification of the molten polymer influence the
crystallization and govern, therefore, the formation of
the final structure.1–10 For example, when high flow
and cooling rates exist, oriented structures, such as
shish-kebab or lamellar-row structures, are preferably
formed. Nowadays, numerous studies have been car-
ried out to analyze the influence of the flow on the
morphology and properties of semicrystalline poly-
mers1–5,11,12. Several techniques are in use to under-
stand the effects of shear-induced crystallization.
Thereby, the main idea is to study the origin of the
nucleation and creation of structures in situ (during the
crystallization of the molten polymer) caused by shear-

ing. However, most of the experiments presented do
not consider the influence of the shear-induced crystal-
lization on the final properties. The reason is probably
that most of the experiments are not performed on
samples that can be analyzed in the solid state.

Nevertheless, the search for the relationship be-
tween the structures and properties has motivated
extensive studies in the past. In particular, many anal-
yses have been carried out to understand the depend-
ence of the morphology on the deformation behavior
of semicrystalline polymers.13–21 Furthermore, there
are many articles examining the influence of the pro-
cessing conditions on the mechanical properties.22–28

However, the information available in the pub-
lished literature is not sufficient for a complete under-
standing of the relationship between the molecular
weight and final properties. The reason for this is the
complexity of the structure–property relationship and
the fact that mainly commercially available polymers
are the subjects of scientific research. Because these
materials usually include unknown additives (e.g.,
stabilizers, lubricants, and nucleation agents), a cer-
tain disadvantage exists, in that the research results
are a complex mixture of unknown influencing factors
that can act either synergistically or contrarily. Thus,
the relationship between the structures and properties
in the solid state can be defined successfully only
when the main parameters are varied and studied sys-
tematically. For example, one of the main parameter is
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the average molecular weight, which can be varied
with different amounts of hydrogen during polymer-
ization and with all other polymerization conditions
kept constant.

This article studies the influence of the molecular
weight and shear-induced structure on the mechani-
cal properties of a series of injection-molded polypro-
pylene (PP) specimens made from freshly synthesized
PP. A major focus is the analysis of the mechanical
response to static and dynamic deformation, which is
critically important in determining the suitability of a
material for a given application. In addition, the me-
chanical properties of injection-molded PP samples af-
ter annealing at 100 and 1408C are studied to analyze
the effect of a possibly changed morphology and to
better understand the structure–property relationship.

EXPERIMENTAL

The PP series studied in this article were preparedwith
a conventional Ziegler–Natta catalyst (TiCl4/diester/
MgCl2 and triethyl aluminium/silane). All PP materi-
als were synthesized with a novel liquid pool polymer-
ization process. The polymerization was carried out in
a 5-L stainless steel autoclave reactor completely filled
with propylene under isothermal conditions.29 Before
the system was adjusted to the appropriate polymer-
ization temperature of 708C and pressure of about 60
bar, hydrogen was added as a chain-transfer agent to
control themolecular weight. The polymerization reac-
tion was terminated after approximately 60 min by the
injection of methanol. The reactor was exhausted and
cooled and afterwards was flushed several times with
nitrogen to remove the last monomer. Finally, the pow-
der was taken from the reactor and dried for 4 h in a
vacuum oven at 508C. Some main polymerization con-
ditions and the specific properties of the synthesized
PP powders are listed in Table I.

To these powders, 1% Irganox B215 (CIBA Spe-
cialty Chemicals, Grenzach, Germany) as a polymer
stabilizer agent with an antioxidant and heat-stabili-
zation effect was added to avoid the degradation of
the polymer during the melting process.

The melting process was carried out under indus-
trial-like conditions with an injection-molding mach-
ine (Allrounder S 220 150-30, Arburg, Lossburg, Ger-
many). The machine was equipped with a newly
developed screw and plasticizing unit, which was
designed particularly for dosing microgranules or
powders and for gentle processing of the polymer.
The solidification process took place in a two-cavity
mold with a temperature control system to control
the mold temperature and keep it constant at a mod-
erate temperature of 608C during processing. With
this mold, only a small amount of the polymer pow-
der was required for manufacturing the dumbbell
microspecimens, as illustrated in Figure 1. The main
characteristics of the dumbbell microspecimens were
a sample volume of 10 mm3, a total length of 25
mm, and a cross-sectional area of 1.25 � 0.5 mm2.
The molding was performed at melt temperatures of
210 and 2508C and with a similar injection speed of
10 m/min; this depended on the specific injection
pressure, which ranged from 500 to 1800 bars. In Ta-
ble II, the processing conditions and the existing
maximum shear rates of the samples are listed.

TABLE I
Polymerization Conditions and Molecular Characteristics of the

Synthesized PP Powders

Sample
Temperature

(8C)
Tmax

(8C)
Pressure
(bar)

H2

(mol %)
Mw

(kg/mol) Mw/Mn Mw/Me

PP-L1600 70 70.6 35 0 1600a NA 238
PP-L1120 70 71.9 52 0.02 1120 6.4 166
PP-L833 70 72.5 51 0.05 833 6.6 124
PP-L462 70 72.8 50 0.15 462 7.2 69
PP-L361 70 72.9 43 0.15 361 6.8 54
PP-L320 70 73.8 48 0.26 320 6.8 48
PP-L244 70 71.5 51 0.51 244 7.3 36
PP-L153 70 71.9 48 0.99 153 7.3 23
PP-L101 70 74.8 48 1.56 101a NA 15

H2, hydrogen content; Me, entanglement molecular weight; Mn, number-average
molecular weight; Mw, weight-average molecular weight; NA, not available; Tmax,
maximum temperature.

a Evaluated from rheological data.

Figure 1 Dimensions of the dumbbell microspecimen.
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Additionally, some samples were annealed in a
convection oven for 1 h at 100 and 1408C to improve
the perfection of the crystalline structure.

The differential scanning calorimetry (DSC) inves-
tigations were carried out in a temperature range of
30–2808C with a Mettler–Toledo differential scanning
calorimeter 821e (Scherzenback, Switzerland). A sam-
ple mass of 5.6 6 0.1 mg of PP powder was placed
in a 20-mL aluminum crucible and measured in a
nitrogen atmosphere at a heating and cooling rate of
20 K/min.

The rheological investigations for analyzing the
entanglement molecular weight were carried out in
an oscillation mode with a Gemini 200 plate–plate
rheometer from Bohlin Instruments (Herrenberg,
Germany). At 2008C, a sinusoidal strain with con-
stant amplitude of 1% was applied, and the angular
frequency was logarithmically varied from 0.01 to
100 s�1. The gap between both plates was 0.5 mm,
and the measuring system was flushed with nitrogen
to avoid any degradation of the polymer sample.

The uniaxial tensile tests were performed with a
Gabo Qualimeter Eplexor 150 N dynamic mechanical
analyzer (Ahlden, Germany) in a quasistatic mode. The
dumbbell microspecimens were mounted between two
clamping jaws at a distance of 15 mm with a contact
force of 1 N. The measurements were performed at
258Cwith a strain rate of 3� 10�4 s�1.

The viscoelastic properties were analyzed in a ten-
sile mode with a Gabo Qualimeter Eplexor 150 N dy-
namic mechanical analyzer. The analyses were car-
ried out in a temperature range from �50 to 1508C
at a heating rate of 5 K/min. A contact force of 1 N
was applied, and the oscillation amplitude of 0.2%
strain, the static strain of 0.5%, and the frequency of
1 s�1 were kept constant.

The transmission electron microscopy (TEM) in-
vestigations were carried out at the University of
Halle. Ultrathin sections, with a thickness of approx-

imately 80 nm, were cut from the center of the par-
allel zone with a Leica Ultracut Diatome diamond
knife (Borsheim, Germany) and subsequently stained
with ruthenium tetroxide. Afterwards, the sections
were analyzed at an accelerating voltage of 200 kV
with a JEOL JEM 2010 (Eching, Germany).

RESULTS AND DISCUSSION

Crystallinity and structure

The first heating scans for the untreated series of injec-
tion-molded PP samples are shown in Figure 2, and the
corresponding calorimetric parameters (melting en-
thalpy, crystallinity, melting temperature, and end-set
temperature), determined from the thermograms for
unannealed and annealed, injection-molded PP sam-
ples, are collected in Table III. The dashed line in Fig-
ure 2 at 1658C serves to highlight the variation in the

TABLE II
Processing Conditions for Manufacturing Dumbbell Microspecimens and Existing

Maximum Shear Rates

Sample
Tmelt

(8C)
Tmold

(8C)
vinj

(m/min)
pinj
(bar)

ph
(bar)

thp
(s)

tc
(s)

_gmax

(s�1)

PP-L1600 250 60 10 1950 2000 4 15.4 7.0 � 105

PP-L1120 250 60 10 1400 1000 4 15.4 7.5 � 105

PP-L833 210 60 10 1600 1600 4 15.4 5.2 � 105

PP-L462 210 60 10 1540 1500 4 15.4 3.9 � 105

PP-L361 250 60 10 1000 1000 4 15.4 NA
PP-L320 210 60 10 520 500 4 15.4 3.0 � 105

PP-L244 250 60 10 900 1000 4 15.4 NA
PP-L153 250 60 10 1050 1000 4 15.4 NA
PP-L101 210 60 10 355 300 4 15.4 2.0 � 105

_gmax, maximum shear rate; NA, not available; ph, holding pressure; pinj, injec-
tion pressure; tc, cycle time; thp, holding pressure time; Tmelt, melt temperature;
Tmold, mold temperature; vinj, injection speed.

Figure 2 DSC scans of the unannealed PP series with var-
ious molecular weights (first heating, 20 K/min heating
rate, N2 atmosphere).
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peak maximum (representing the melting tempera-
ture) with changing molecular weight. The DSC ther-
mograms show a characteristic melting behavior of the
monoclinic a form of crystals in isotactic polypropyl-
ene (iPP), with a monomodal peak at about 162–
1658C.30–34 Samples with molecular weights higher
than 244 kg/mol (up to 1600 kg/mol) exhibit no signifi-
cant difference in the melting point, but the two sam-
ples with low molecular weights (<153 kg/mol) ex-
hibit a melting point at the lower temperature of 1628C.

Moreover, there are notable differences in the crys-
talline fraction as the molecular weight of the sam-
ples changed. As expected, the crystallinity sinks
from 50% in the case of PP-L101 to 41% for PP-
L1600. The reason for this is the presence of a large
number of entanglements per chain for the higher
molecular weight polymers.

The average number of entanglements per chain
[i.e., the entanglement molecular weight (Me)] can be
determined by means of dynamic oscillation rheome-
try according to the following equation:

Me ¼ rRT
G0

N

(1)

where R is the universal gas constant (8.314 J mol�1

K�1) and r is the density of the polymer at temperature
T, at which the plateaumodulus (G0

N) wasmeasured.
G0

N can be obtained from the frequency at which the
minimum of the loss tangent (tan dmin) is located.

35,36

G0
N ¼ G0ðuÞtan dmin

(2)

Figure 3 shows the master curve of the storage modu-
lus (G0) and the loss tangent (tan d) as a function of
frequency for PP-L1600. The tan dmin value is visible
at a frequency of 35 s�1, and as a result, G0

N ¼ 450 000
Pa can be determined. By means of eq. (1), an entan-
glement molecular weight of 6730 g/mol has been
calculated.

This result is in good agreement with data found in
the literature. Eckstein et al.,37 for instance, recently
presented an entanglement molecular weight of 6900
g/mol for iPP with a molecular weight of 871 kg/mol
and a polydispersity of 2.4.

With the analyzed entanglement molecular weight
for iPP, the number of entanglements per chain can be
calculated by the division of the molecular weight of
the samples by the entanglement molecular weight.
Table I presents the number of entanglements per
chain for the PP series. There is a significant difference
between the values of the weight-average molecular
weight/entanglement molecular weight ratio for the
high-molecular-weight samples and the low-molecu-
lar-weight samples; in the case of PP-L1600 there are
238 entanglements per chain against 15 for PP-L101.

The entanglements lead to high viscosity in the long
polymer chains, so the high-molecular-weight poly-
mers are hindered from forming crystals, and as a
result, lower crystallinity exists.

Figure 3 Master curve of G0 and tan d as a function of
the frequency for PP-L1600 at a reference temperature of
2008C.

TABLE III
Thermal Properties and Crystallinity of Unannealed and Annealed, Injection-Molded PP Samples

(Determined by DSC)

Sample
DHm

(J/g)
Xc

(%)
Tm

(8C)
Tme

(8C)
DHm,100

(J/g)
Xc,100

(%)
Tm,100

(8C)
Tme,100

(8C)
DHm,140

(J/g)
Xc,140

(%)
Tm,140

(8C)
Tme,140

(8C)

PP-L1600 81.2 41 164.7 172.5 92.3 47 165.4 173.5 101.3 52 165.5 175.4
PP-L1120 88.9 45 165.0 171.1 93.1 48 165.3 172.1 98.2 50 165.3 171.3
PP-L833 88.9 45 165.3 170.7 92.7 47 165.6 171.6 101.4 52 164.9 171.8
PP-L462 92.9 47 165.3 170.2 96.6 49 165.5 169.9 102.8 52 165.2 169.6
PP-L361 90.0 46 164.9 169.8 94.8 48 164.5 169.1 105.1 54 164.8 169.0
PP-L320 94.3 48 165.2 170.3 96.7 49 163.6 169.0 106.0 54 165.1 169.3
PP-L244 94.5 48 163.9 168.7 95.8 49 163.2 168.1 107.1 55 163.2 167.9
PP-L153 95.8 49 162.5 166.9 94.2 48 162.9 167.5 112.2 57 161.9 166.5
PP-L101 97.1 50 162.5 166.8 100.5 51 162.8 167.3 108.8 56 162.6 167.2

DHm, melting enthalpy; Tm, melting temperature; Tme, endset melting temperature; Xc, crystallinity; subscript 100,
annealing at a temperature of 1008C for 1 h; subscript 140, annealing at a temperature of 1408C for 1 h.
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Nevertheless, the crystallinity of the annealed, injec-
tion-molded PP dumbbell microspecimens is quantita-
tively higher as the annealing temperature increases.
In the case of high-molecular-weight sample PP-L1600,
even an increase in the crystallinity of 11% occurs after
annealing at 1408C for 1 h. In contrast, the crystallinity
of all other samples increases by approximately 5–7%
as a result of an improvement in the crystalline struc-
ture during the thermal treatment.

In Figure 2, the melting endotherms of the higher
molecular weight samples are broader than those of
the lower molecular weight samples. Furthermore,
the end-set temperature becomes lower as the molecu-
lar weight decreases; this also occurs in the case of
thermally treated samples. The beginning of the melt-
ing of the crystalline fraction occurs at about 1208C.
There, the small, crystalline lamellae begin to melt,
and they continue to melt as the temperature in-
creases. At higher temperatures, the thicker and big-
ger lamellae start to melt completely. Hence, the melt-
ing peak characterizes the distribution of the crystal-
line fraction inside the polymeric sample, as
presented schematically in Figure 4. Consequently,
the endothermic behavior in the melting range can be
considered to analyze and describe the lamellar thick-
ness and distribution.

Evolution of the lamellar thickness and lamellar
thickness distribution

According to the relationship stated by Thomson
and Gibbs,38 the average lamellar thickness can be
estimated by the relation of the melting temperature
(Tm) to the lamellar thickness (L; i.e., the longitudinal
dimensions of the crystal) of a polymer as follows:

L ¼ 2je T
0
m

DHf ðT0
m � TmÞ (3)

where T0
m is the equilibrium melting temperature of

a-phase iPP (464 K38), DHf is the melting enthalpy of
a perfect crystal (196 J/cm3 38), and fe is the free
surface energy of the end faces at which chains fold
(102.9 J/cm2 38).

On the basis of eq. (3), the thickness distribution
of crystalline lamellae can by related to the form of
the DSC curve with the following equation:

1

M

dM

dL
¼

dE

dT
ðT0

m � TmÞ2rc
2je T

0
mM

(4)

where M is the crystalline mass, and dL is the
lamella thickness in the temperature range between
T and T þ dT.

dE

dT

1

M
¼

_Q

_H
(5)

where rc is the density of the crystal phase (0.936 g/
cm3 38), dE is the energy necessary to melt crystalline
mass dM in the temperature range between T and T
þ dT, _H is the heating rate for DSC measurements,
and _Q is the measured heat flux. The heat flux used
here is the total heat flux on the DSC thermogram
subtracted from a linear baseline.

This relationship of the lamellar thickness distribu-
tion and the DSC measurements was described in
greater detail by Romankiewicz and Sterzynski.39

Figure 5 shows the calculated lamellar thickness dis-
tribution of the untreated series of injection-molded
PP samples based on the molecular weight. In addi-
tion, Table IV presents the average lamellar thickness
calculated from the melting temperature and the max-
imum lamellar thickness determined from the end-set
temperature of the unannealed and annealed, injec-
tion-molded PP samples. From Figure 5, it is obvious
that especially the unannealed samples of low molec-
ular weight (PP-L101 and PP-L244) exhibit thinner
lamellae with narrow distributions. In contrast, the
other samples (molecular weight ¼ 320–1600 kg/mol)
exhibit increasing lamellar thickness and distinctive
broadening of the lamellar thickness distribution as

Figure 4 Schematic drawing of the melting zones of crys-
talline lamellae.

Figure 5 Lamellar thickness distribution of the unan-
nealed PP series with various molecular weights.
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the molecular weight increases. In particular, the
thickness of the thicker lamellae (maximum lamellar
thickness), obtained from the evaluation of the end-set
temperature, increases drastically with increasing mo-
lecular weight. These phenomena have been observed
in the past40,41 and are a result of the reduction in the
crystallization rate with increasing molecular weight
due to entanglements and viscosity effects, which has
been verified previously.

Moreover, the lamellar thickness and, of course,
crystallinity also increase because of the increasing
mobility of the polymer chains when injection-molded
samples are thermally treated at elevated tempera-
tures. Noncrystalline fractions continue to crystallize
slowly to improve their crystals inside the superstruc-
ture. This effect occurs especially for polymers quickly
cooled below the glass-transition temperature (e.g.,
during the injection-molding process), thereby depress-
ing the crystallization process.

Mechanical properties

The stress–strain behavior of the injection-molded PP
dumbbell microspecimens has been analyzed to
describe their mechanical behavior. Figures 6 and 7
present detailed plots, from 0 to 30% strain, of the true
stress–strain curves for the unannealed and annealed
(1408C for 1 h), injection-molded PP samples. Corre-
spondingly, the stress at 8% strain, Young’s modulus
(tangentmodulus) at 0.5% strain, and the strain at break
are shown in Table V. The annealed, injection-molded
PP samples were only measured up to a strain of 30%,
and as a result, no strain at breakwas determined.

In both Figures 6 and 7, the samples exhibit a stress–
strain behavior typical of ductile, semicrystalline poly-
mers. At a low strain, a nearly linear rise in stress char-
acterizes the major pure elastic deformation behavior.
This follows more or less distinctively the yielding of
the samples, as indicated by a deviation from linearity

in the stress–strain curve at a strain of about 6%. Here
the polymer chains start to slip, and usually necking
occurs. As the strain level increases, strain hardening
appears until the samples finally break.

In the case of high-molecular-weight samples (from
833 to 1600 kg/mol), no distinctive yielding is detecta-
ble, but strain hardening becomes clearly noticeable at
about 10% strain. The effect of strain hardening (indi-
cated by a progressive stress–strain curve) becomes
more pronounced at higher molecular weights. Simi-
lar behavior has been observed by other scientists13,28

and is discussed in more detail later. Only sample PP-
L244 shows distinctive yielding and peaking at 8%
strain. Low-molecular-weight samples PP-L101 and
PP-L153 break brittlely at strains of about 8 and 11%,

TABLE IV
Lamellar Thickness of Unannealed and Annealed,

Injection-Molded PP Samples

Sample
Lm
(nm)

Lmax

(nm)
Lm,100

(nm)
Lmax,100

(nm)
Lm,140

(nm)
Lmax,140

(nm)

PP-L1600 18.5 26.3 19.0 27.8 19.1 31.2
PP-L1120 18.7 24.5 19.0 25.8 19.0 24.7
PP-L833 19.0 24.0 19.2 25.1 18.7 25.4
PP-L462 19.0 23.4 19.1 23.1 18.9 22.8
PP-L361 18.7 23.0 18.4 22.2 18.6 22.1
PP-L320 18.9 23.5 17.8 22.1 18.8 22.5
PP-L244 18.0 21.8 17.5 21.3 17.5 21.1
PP-L153 17.1 20.2 17.3 20.7 16.7 19.9
PP-L101 17.1 20.1 17.3 20.6 17.2 20.5

Lm, average lamellar thickness; Lmax, maximum lamellar
thickness; subscript 100, annealing at a temperature of
1008C for 1 h; subscript 140, annealing at a temperature of
1408C for 1 h. Figure 6 Stress–strain behavior of unannealed, injection-

molded PP samples, depending on the molecular weight
(strain rate ¼ 3 � 10�4 s�1, contact force ¼ 1 N, tempera-
ture ¼ 258C).

Figure 7 Stress–strain behavior of an injection-molded PP
series annealed at 1408C for 1 h, depending on the molecu-
lar weight (strain rate ¼ 3 � 10�4 s�1, contact force ¼ 1 N,
temperature ¼ 258C).
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respectively. Hence, there is a minimum molecular
weight of 153 kg/mol, below which polymeric materi-
als are brittle. From the literature,42 it is known that
the ductile-to-brittle transition usually appears when
the molecular weight is twice the entanglement mo-
lecular weight. This theory is explained by the fact
that the entanglements between lamellae are responsi-
ble for carrying a large amount of the stress during
the tensile test, so the absence of entanglements
strongly affects the fracture behavior.

Based on an entanglement molecular weight of
6700 g/mol (calculated previously with viscoelastic
data), the critical molecular weight of iPP is about
13,400 g/mol, that is, much lower than the molecular
weights of the brittle samples, although in contrast
the number of entanglements per chain of those
samples is lower than that of the high-molecular-
weight samples. As a result, other factors must play
a role in the transition from ductile-to-brittle behav-
ior as the molecular weight decreases.

The fact that low-molecular-weight samples PP-
L101 and PP-L153 rupture just after yielding and fail

to exhibit necking in tensile tests is assumed to be
due to early (at low deformation) stretching of the
short molecular chains to their maximum and the
breaking of few entanglements per chain.

To understand the stress–strain behavior of the injec-
tion-molded PP series, the morphological structure
should be considered. As known from DSC measure-
ments, the crystallinity of low-molecular-weight PP
samples is higher than that of high-molecular-weight
samples, and the lamellar thickness increases, most
notably in the case of thicker lamellae, as the molecular
weight increases. As a result, the amorphous fraction
between the lamellae increases with the molecular
weight. Additionally, the number of entanglements
per chain increases as themolecular weight increases.

Frommorphological studies, it is most observable by
TEM analysis of the unannealed PP samples that the
structure of the dumbbell microspecimens changes,
depending on the molecular weight. The low-molecu-
lar-weight samples clearly exhibit a spherulitic struc-
ture in the core, as it is recognizable by the sporadic,
cross-hatched structures in Figure 8(a). In contrast,

TABLE V
Mechanical Properties of Unannealed and Annealed, Injection-Molded PP Samples

Sample
se¼0.08

(N/mm2)
Ee¼0.005

(N/mm2)
sB

(N/mm2)
eB
(%)

se¼0.08,100

(N/mm2)
Ee¼0.005,100

(N/mm2)
se¼0.08,140

(N/mm2)
Ee¼0.005,140

(N/mm2)

PP-L1600 75 2330 158 44 79 2350 83 2320
PP-L1120 61 1480 142 85 67 2030 70 2160
PP-L833 51 1600 121 143 56 1860 NA NA
PP-L462 39 1350 77 208 47 1680 45 2000
PP-L361 36 1560 NA NA NA NA 47 1880
PP-L320 35 1300 67 216 45 1670 45 1820
PP-L244 36 1570 NA NA 44 1520 46 1720
PP-L153 27 1340 NA NA 36 1020 NA NA
PP-L101 30 1270 32 11 NA 1370 NA 1560

eB, strain at break; Ee¼0.005, Young’s modulus at 0.05% strain; NA, not available; sB, stress at break; se¼0.08, stress at 8%
strain; subscript 100, annealing at a temperature of 1008C for 1 h; subscript 140, annealing at a temperature of 1408C for 1 h.

Figure 8 TEM micrographs of PP-L101 and PP-L1600 dumbbell microspecimens with magnifications of 20,000� and
100,000� (FD ¼ direction of the flow, PD ¼ perpendicular to the direction of the flow).
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highly oriented, shear-induced structures (shish kebab)
can be observed as the molecular weight increases, as
presented in Figure 8(b). More details on the formation
of the morphology depending on the molecular weight
of the samples and on the shear rate have been pub-
lished recently.43

On the basis of these results and our current under-
standing, a schematic model of the structural changes
of low-molecular-weight and high-molecular-weight
polymers during deformation can be postulated, as
shown in Figure 9.

First, the elongation of the samples in the tensile
direction causes stretching of the amorphous phase.
This process is purely elastic; once the load on the sam-
ple is removed, it fully recovers. When the semicrystal-
line polymer is further deformed, plastic yielding
occurs, at which crystallite sliding takes places. Thus,
the lamellae start to orientate themselves parallel to
the deformation direction; correspondingly, interlam-
ellar slipping occurs, coupled with the unfolding of
the lamellae until the ultimate break. Peterlin15–18

described this mechanism as the breaking of the lamel-
lae into microblocks and their reorganization in micro-
fibrils accompanied by interlamellar separation and
insertion of unfolded molecular chains into the amor-
phous fraction. As a result, strain hardening occurs.

On the basis of the explained deformation processes,
the difference in the stress–strain behavior of the differ-
ent molecular weights of untreated and thermally
treated injection-molded samples can be explained.

Young’s modulus corresponds to the initial
response of the material to energy input (strain) and is
attributed to the stiffness of the material at low defor-
mation. Therefore, from the point of view of material
science, it is decisive how stress will be transmitted
through the crystalline fraction and mainly the amor-
phous fraction.

Here, Young’s modulus is estimated as the tangent
modulus at a strain of 0.5%. Figure 10 shows that
Young’s modulus increases as the molecular weight
increases in a nearly linear fashion. Additionally, at
the same molecular weight, Young’s modulus is
higher as the crystallinity increases within the same
sample. Increasing crystallinity is caused by anneal-
ing at higher temperatures (see Fig. 11). However,
when we compare Young’s modulus within the PP
series, the higher molecular weight samples, which
exhibit less crystallinity, are stiffer than the low-mo-
lecular-weight samples with greater crystalline frac-
tions. Therefore, the known and often reported phe-
nomenon13,23,44 that Young’s modulus usually rises
continuously as the crystallinity increases is only
correct with respect to one defined-molecular-weight
sample. The high stiffness of up to 2300 N/mm2 for
the PP samples is caused by an existing shish-kebab
structure. As observed by TEM analysis and pre-
sented in more detail previously,43 the low-molecu-
lar-weight PP samples exhibit non-shish-kebab struc-
tures, but as the molecular weight and shear rate
increases, the number of shish kebabs increases.

Because of their architecture, the shish kebabs can
sustain most of the stress. The shishes, consisting of
fibrous crystals penetrating the texture, are responsi-

Figure 9 Schematic illustration of the deformation behav-
ior (c ¼ crystalline, a ¼ amorphous).

Figure 10 Dependence of Young’s modulus on the molec-
ular weight of unannealed and annealed, injection-molded
PP samples.
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ble for high stiffness in the direction of flow (i.e., the
direction of tension), and the kebabs, lamellae
around the shishes, are responsible for high stiffness
transverse to the direction of flow.

However, there is another reason for the high stiff-
ness of the PP samples. The stiffness of samples
annealed at high temperatures is greater than that of
unannealed samples, although the proportion of
shish-kebab structures either remains the same or is
probably even smaller after the annealing of the sam-
ples. Therefore, another factor must be involved, and
it seems to be the mobility of the amorphous fraction.
This can be explained by the different dynamic me-
chanical responses of the PP samples before and after

annealing, as measured by dynamic mechanical anal-
ysis (DMA) and described later.

Figures 12–14 show the behavior of the tensile
strength based on the molecular weight, melting en-
thalpy (corresponds to crystallinity), and lamellar
thickness. The stress at a strain of 8% (i.e., the yield
point of PP-L244) is used as the tensile strength,
because not all the samples show extensive yielding.

Similarly to the stiffness, which is dependent on the
molecular weight, the tensile strength increases pro-
portionally as the molecular weight increases. Fur-
thermore, when we compare the tensile strength de-
pendence on the crystallinity for the same molecular
weight, we find that the tensile strength increases as

Figure 11 Dependence of Young’s modulus on the melt-
ing enthalpy of unannealed and annealed, injection-
molded PP samples. Crossed symbols indicate 1008C for
1 h, and dotted symbols indicate 1408C for 1 h.

Figure 13 Dependence of the tensile stress at 8% strain
on the melting enthalpy of unannealed and annealed,
injection-molded PP samples. Crossed symbols indicate
1008C for 1 h, and dotted symbols indicate 1408C for 1 h.

Figure 12 Dependence of the tensile stress at 8% strain
on the average molecular weight of unannealed and
annealed, injection-molded PP samples.

Figure 14 Tensile stress at 8% strain as a function of the
maximum lamellar thickness.
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the crystallinity increases, as shown in Figure 13.
When we consider that the crystallinity analyzed by
DSC is lower for high-molecular-weight samples than
for lower molecular weight samples, the tensile
strength of PP-L1600 should be lower than that of PP-
L101. However, the results presented in Figure 13
show the opposite. As a result, the well-known, basic
rule, that the stiffness and tensile strength increase
with increasing crystallinity, can be applied only for
samples with the same molecular weight and is not
transferable to samples with different molecular
weights.

The highly oriented shish-kebab structure also
affects the tensile strength and strain hardening at
higher deformation, as does the stiffness. Although
the number of shish kebabs is probably not influenced
by the thermal treatment, increases in the strength
and strain hardening after annealing indicate that an
additional factor governs the tensile strength.

The results seem to be governed mainly by the la-
mellar thickness and lamellar thickness distribution.
This explanation can be affirmed by a linear relation
between the tensile strength and maximum lamellar
thickness, calculated from the DSC results, as shown
in Figure 14. Therefore, thicker lamellae, which evolve
from long molecular chains, can sustain large defor-
mations. This again explains why the tensile strength
is higher after the thermal treatment of the samples
according to a comparison of the tensile stress values
at 8% strain for the samples of the same molecular
weight, as shown in Figure 13.

Similar behavior was first observed by Young45 for
polyethylene (PE). He announced that the tensile yield
stress is activated by screw dislocation of the lateral
surface of crystalline lamellae, indicating that the la-
mellar thickness considerably influences the yield
stress. Schrauwen et al.14 confirmed this theory, find-
ing that yield stress depends on the lamellar thick-
ness. They found a fair correlation between the yield
stress measured in PE and that predicted by a mecha-
nism involving the propagation of screw dislocation.
Séguéla46 showed for PE and PP that the tensile yield
stress depends on the lamellar thickness, rather than
the crystallinity. He found the result to be consistent
with Young’s model of dislocation.

In addition to the increase in the tensile stress, a
more pronounced strain hardening can be observed
as the lamellar thickness increases (see Figs. 6 and 7).
The reason for this is that the slipping and orientation
of lamella become more difficult as the thickness
increases. Moreover, additional unfolding of longer
molecular chains is more complicated in the case of
high-molecular-weight polymers. This explanation is
confirmed by the stress–strain behavior of the samples
annealed at 1408C for 1 h, as shown in Figure 7. When
the samples of the same molecular weight are com-
pared before and after annealing, strain hardening is

more pronounced for the thermally treated samples
than for the untreated samples; this is due to growing
lamellar thickness during the annealing procedure.

Spectacularly, high-molecular-weight sample PP-
L1600 even achieves an unusual high true tensile stress
of up to 158 N/mm2. This impressive tensile strength,
3 times higher than the known tensile strength of com-
mercially available PP, is atypical of PP. As far as we
know, such high tensile strength for injection-molded,
dumbbell specimens has not been reported in the liter-
ature until now.

Prox and Ehrenstein47 found for PP with a molecu-
lar weight of 470 kg/mol a maximum tensile strength
of about 80 N/mm2 but a low strain at break of about
32%. They studied injection-molded PP dumbbell
specimens within a molecular weight range of 240–
653 kg/mol and under extreme processing conditions,
such as a high injection speed (180 mm/s) and low
melt (1608C) and mold temperatures (258C), to obtain
self-reinforcement. Analyzing the dependence of the
molecular weight on the mechanical properties, they
found a peak improvement of the tensile strength at
an average molecular weight of 470 kg/mol.

Furthermore, Kalay and Bevis24 observed an in-
crease in Young’s modulus of moldings produced by
shear-controlled, orientation injection molding. By
controlling the processing parameters, they could
control and enhance the stiffness without the loss of
tensile strength. They reported a maximum increase
in Young’s modulus of up to 2600 N/mm2 and a peak
tensile strength of 55 N/mm2 for moldings with iPP
with an average molecular weight of 460 kg/mol, but
this was linked to a reduction in the strain at break of
about 55%.

Albano et al.48 produced plaques from iPP within a
molecular weight range of 210–800 kg/mol with con-
ventional injection molding. They studied the influ-
ence of the molecular weight and thermal history on
the mechanical properties and obtained samples with
a tensile strength of 58 N/mm2 and a strain at break
of about 90% but with a low Young’s modulus of
about 830 N/mm2.

However, extremely strong and stiff PP with a stiff-
ness of up to several kilonewtons per square milli-
meter is known only in highly (biaxial) drawn and
anisotropic PP films and fibers produced by special
processing techniques. Here the disadvantage is the
low obtainable ultimate strain: less than approxi-
mately 10%.

Viscoelastic properties

Semicrystalline polymers show several types of relax-
ation phenomena that can be detected by DMA. As a
result of certain molecular motions, a storage modu-
lus depression or a loss modulus peak appears on the
mechanical relaxation curve.
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In the case of iPP, dynamic mechanical relaxation
processes can be observed from �508C to nearly the
melting temperature. Typically for PP, there are three
different relaxation processes due to molecular
motions activated by thermal energy.49–52 First, very
short range motions, such as methyl group rotation in
side-chain ends, occur at approximately �508C; this
motion is termed the g-relaxation process. The b-relax-
ation process at higher temperatures of about 08C is
the dominant relaxation and can be attributed to the
transition from the glassy state to the rubbery state in
amorphous polymers, but it should be taken into
account that the amorphous region in a crystalline pol-
ymer is different from that in a completely amorphous
polymer, in that the molecular motions of the amor-
phous phase are constrained by the crystallites. In the
temperature region close to the melting temperature,
the a-relaxation process takes place because of motions
in the interphase of crystallites. Although the reason
for this a-relaxation process is still controversial, it is
well documented49–51 that the a relaxation is strongly
affected by orientation; on the one hand, this effect
occurs primarily in temperature regions above 308C,
and on the other hand, it is affected by the length of
chain foldings at the interphase, which again depends
on the molecular weight and occurs at about 1008C.

Observing all three relaxation processes, we per-
formed measurements from the very low temperature
of �508C up to 1408C. Detailed plots, ranging from
�40 to 1008C, of the storage modulus (E0) and tan d as
a function of the temperature for a representative
selection of the unannealed and annealed, injection-
molded PP samples are presented in Figures 15–18.
Both Figures 15 and 16 show a very weak and distinc-
tive g relaxation due to fewer CH3 motions.

In contrast, in the range of the b relaxation, a vast
peak can be observed between 0 and 108C of the tan
d curve (Fig. 15), which corresponds to the glass-
transition temperature of iPP. From there, the magni-
tude of the b relaxation was determined after the
subtraction of a fitted, linear baseline.

As shown in Figures 15, 16, and 19, a marked dif-
ference in the magnitude of the b relaxation exists
when we compare samples with different molecular
weights. It is demonstrated in Figure 19 that the
magnitude of the b relaxation increases rapidly with
increasing molecular weight toward asymptotic lim-
its, which are reached at magnitudes of about 0.015
for the unannealed samples and 0.038 for the

Figure 16 Tan d as a function of temperature for injec-
tion-molded PP samples annealed at 1408C for 1 h with
various molecular weights (static strain ¼ 1%, dynamic
strain ¼ 0.1%, frequency ¼ 1 s�1, heating rate ¼ 5 K/min).

Figure 17 E0 as a function of temperature for unannealed,
injection-molded PP samples with various molecular
weights (static strain ¼ 1%, dynamic strain ¼ 0.1%, fre-
quency ¼ 1 s�1, heating rate ¼ 5 K/min).

Figure 15 Tan d as function of temperature for unan-
nealed, injection-molded PP samples with various molecu-
lar weights (static strain ¼ 1%, dynamic strain ¼ 0.1%, fre-
quency ¼ 1 s�1, heating rate ¼ 5 K/min).
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annealed (1408C for 1 h) samples. Despite this, only
a weak difference in the maximum magnitude of the
b relaxation can be observed between the unan-
nealed samples and the samples annealed at 1008C
for 1 h. The reason for this seems to be the fact that
minor changes in the morphological structure occur
when an annealing temperature of 1008C, which is
below the crystallization temperature of the PP sam-
ples, is used. In contrast, when the injection-molded
PP samples are annealed at temperatures of 1408C,
which is above the crystallization temperature of the
PP samples (�1208C), postcrystallization is pro-
moted, and as a result, the nanostructure is changed.

In fact, a decrease in the mechanical relaxation of
the b process is associated with a reduction in the

mobility of the polymer chains in the amorphous
phase.49,51,52 On the one hand, the reason may be
lower amounts of the amorphous fraction, but this
explanation is not totally consistent with the results
found in Figure 20. The magnitude of the b relaxa-
tion increases as the content of the amorphous frac-
tion decreases after the annealing of the injection-
molded PP samples. For example, when we compare
the magnitude of the b relaxation and the amount of
the amorphous fraction of injection-molded sample
PP-L320 before and after annealing, the magnitude
of the b relaxation increases 4 times [the b relaxation
is 0.005 and 0.022 before and after annealing (1408C
for 1 h)], although the content of the amorphous
fraction decreases from 52 to 46%.

However, when we compare the magnitudes of the
b relaxation for the untreated, low-molecular-weight
sample PP-L101 and high-molecular-weight sample
PP-L1600, it turns out, as expected, that the b relaxa-
tion is higher (0.002 and 0.015 for PP-L101 and PP-
L1600, respectively) with a higher content of the
amorphous fraction (51 and 58% for PP-L101 and PP-
L1600, respectively). Therefore, the way in which the
content of the amorphous phase is changed should be
taken into account in this explanation.

On the other hand, another reason may be a change
in the molecular packing in the amorphous phase.
Denser packing of the molecular chains leads to a
reduction in the molecular motion. As can be observed
in Figure 19, when we compare the magnitudes of the
b relaxation in the unannealed and annealed (mainly at
1408C for 1 h) samples, an obvious rise in the magni-
tude of the b relaxation can be noticed, although there
is a reduction in the amorphous fraction after the
annealing procedure. Furthermore, stiffening of the

Figure 19 Dependence of the magnitude of the b relaxa-
tion for unannealed and annealed, injection-molded PP
samples with various molecular weights.

Figure 18 E0 as a function of temperature for PP samples
annealed at 1408C for 1 h with various molecular weights
(static strain ¼ 1%, dynamic strain ¼ 0.1%, frequency ¼ 1
s�1, heating rate ¼ 5 K/min).

Figure 20 Dependence of the magnitude of the b relaxa-
tion on the amorphous fraction for unannealed and
annealed, injection-molded PP samples (Xa ¼ amorphous
fraction, Xc ¼ crystalline fraction). Crossed symbols indicate
1008C for 1 h, and dotted symbols indicate 1408C for 1 h.
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amorphous components can usually be observed after
annealing.53 Therefore, both the amount of the amor-
phous phase and the structure of the amorphous frac-
tion, mainly between the lamellae, govern the relaxa-
tion process. In particular, within the thicker lamellae,
there are considerably more mobile interlamellar
amorphous components, which are not limited in their
motions by crystallites. This implies a rapid rise in the
magnitude of the b relaxation as a function of the maxi-
mum lamellar thickness, as shown in Figure 21.

Moreover, a marked rise in the magnitude of the b
relaxation appears for all samples of the PP series
thermally treated at 1408C for 1 h. This leads to the
assumption that considerably freer molecular mobil-
ity exists because of the reorganization of the struc-
ture, which can be further supported by the fact that
a shifting of the tan d peak to 08C from 108C is
observable when Figures 15 and 16 are compared. A
reduction in the glass-transition temperature is gen-
erally caused by an increase in the free volume, con-
sequently enhancing the spatial mobility of the mole-
cules and leading to a rubberlike behavior at lower
temperatures. As a further result, the stiffness of the
material is influenced considerably by the mobility
of the amorphous components, as shown in Figure
22. In fact, a linear correlation between Young’s
modulus and the magnitude of the b relaxation can
be observed.

Of course, the mobile, interlamellar amorphous
fraction also influences the a-relaxation process inten-
sively. In Figure 15, the a relaxation clearly shows a
broad peak with a weak shoulder at about 608C. Thus,
tan d increases at about 308C, but this is more gradual
for high-molecular-weight samples. In contrast, the
low-molecular-weight sample shows a marked rise,
beginning at about 208C, with a much more progres-
sive slope than that of the curves of high-molecular-

weight PP. Such behavior can be attributed to crystal–
crystal sliding. This mechanism requires mobility in
the interlamellar regions; otherwise, the movement of
crystals is hindered.

However, the untreated, injection-molded PP
specimens in Figure 15 show that the samples with a
more mobile amorphous fraction exhibit a smaller a-
relaxation peak. For example, PP-L1600 exhibits a
pronounced b-relaxation peak at 108C, but in con-
trast, almost no mechanical response in the a-relaxa-
tion range can be recognized.

Distinctive a-relaxation behavior, as can be
observed for the lower molecular weight samples in
Figure 15, is well known for oriented samples, for
example, because of special drawing processes.50,51,54

This is due to the fact that molecules arranged parallel
to the direction of deformation can slip more easily.

Pluta et al.,51 for instance, investigated iPP samples
compressed in a channel die at 1108C up to a compres-
sion ratio of 6.6. They found that less deformation of
iPP samples already influences the a-relaxation proc-
ess and is noticeable by a marked increase in the tan d
curve at temperatures above 308C. The main deforma-
tion mechanisms found were crystallographic slips
along the chain direction.

Moreover, for highly zone-drawn PP fibers, Suzuki
et al.50 noticed a loss in the b relaxation and a corre-
spondingly distinctive a relaxation starting at 208C.
To that, they attributed an increase found in the stor-
age modulus as the drawing ratio increased. They
implied that intercrystalline bridges connect the crys-
tal regions longitudinally and cause sliding processes.

de Candia et al.54 confirmed Suzuki’s finding, also
finding that the modulus is substantially a function of
the drawing degree in the case of two-step drawn iPP.
Additionally, they obtained increases in the a-relaxa-
tion process for highly drawn PP fibers, starting at
408C.

Figure 21 Dependence of the magnitude of the b relaxa-
tion on the maximum lamellar thickness for unannealed
and annealed, injection-molded PP samples.

Figure 22 Young’s modulus as a function of the magni-
tude of the b relaxation.
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On the basis of these findings and information
available on the a-relaxation process, there have to be
additional morphological effects hindering the slip-
ping process as the molecular weight increases. As
known from a morphological investigation, there are
highly oriented shish kebabs possessing high stiffness
and strength due to extended molecular chains lying
parallel to each other. Kebabs are formed radially
around the oriented molecular chains, which can
interlock the shish kebabs, thus strongly limiting
motion. Therefore, the shish kebabs, increasing in
number with increasing molecular weight and shear
rate, cause an observable decline in the a relaxation.

This explanation is further supported by the fact
that the rise of tan d in the a-relaxation process,
starting at about 308C, appears more distinctly, and
the drastic E0 drop shifts to the lower temperature of
408C; this can be seen by a comparison of the unan-
nealed and annealed, injection-molded PP samples
in Figures 17 and 18. At 808C, E0 of high-molecular-
weight sample PP-L1600 decreases from 1200 N/mm2

in the case of the unannealed samples to 120 N/mm2

for the annealed samples, or about 100 times. During
the annealing of the PP samples, the molecules are
thermally stimulated to form thermodynamically sta-
ble structures, preferably the folding of chains to
spherulites in the case of linear polymers, as a result of
which the shish-kebab structure is partially dissolved.
This reorganization of structure leads to a reduction in
orientation and furthermore to easier crystal–crystal
sliding processes.

CONCLUSIONS

The study of the mechanical deformation behavior of
the injection-molded PP specimens, depending on
their molecular weight, has found that the stiffness
and tensile strength increase as the molecular weight
increases. PP-L1600 exhibits a true tensile strength of
158 N/mm2, 3 times higher than the known tensile
strength of commercially available PP. The reason for
this is the existence of highly oriented shish-kebab
structures and, in addition, an increase in the lamellar
thickness as the molecular weight increases. For the
existing superstructure, the maximum lamellar thick-
ness governs the tensile stress as well as the strain
hardening effect, rather than the overall crystallinity.
The recognized phenomenon that the tensile strength
and stiffness usually rise continuously as the crystal-
linity increases is correct only for one defined molecu-
lar weight.

Young’s modulus (i.e., stiffness) of injection-molded,
dumbbell microspecimens is determined by the mobil-
ity of the amorphous fraction. The magnitude of the b
relaxation, measured by DMA, indicates the mobility
of the amorphous phase; that is, the packing of the

amorphous phase between the lamellae is more impor-
tant than the overall content of the amorphous phase.

Furthermore, the injection-molded PP samples rup-
ture at lower strain as the molecular weight increases,
with the exception of injection-molded specimens PP-
L101 and PP-L153, which already break at ultimate
strains of 8 and 11%. As a result, a ductile-to-brittle
transition occurs when the molecular weight passes
153 kg/mol.

Altogether this investigation of mechanical proper-
ties shows that especially the interlamellar amorphous
fraction and lamellar thickness, as well as highly ori-
ented structures (e.g., shish kebab), mainly govern the
mechanical response of the samples and define their
structural behavior. If differences in the morphology
exist, then changes also arise in the mechanical and
viscoelastic properties.
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